The creep deformation behavior of Allvac 718Plus was studied over the temperature range of 923 K to 1005 K (650°C to 732°C) at initial applied stress levels ranging from 517 to 655 MPa. Over the entire experimental temperature-stress regime this alloy exhibits Class M-type creep behavior with all creep curves exhibiting a decelerating strain rate with strain or time throughout primary creep. However, unlike pure metals or simple solid solution alloys, this gamma prime strengthened superalloy does not exhibit steady-state creep. Rather, primary creep is instantly followed by a long duration of accelerating strain rate with strain or time. These creep characteristics are common among the gamma prime strengthened superalloys. Allvac 718Plus also exhibits a very high temperature dependence of creep rate. Detailed TEM examination of the deformation structures of selected creep samples reveals dislocation mechanisms similar to those found in high volume fraction gamma prime strengthened superalloys. Strong evidence of microtwinning is found in several of the deformation structures. The presence of microtwinning may account for the strong temperature dependence of creep rate observed in this alloy. In addition, due to the presence of Nb and thus, grain boundary delta phase, matrix dislocation activity which is not present in non-Nb-bearing superalloys occurs in this alloy. The creep characteristics and dislocation mechanisms are presented and discussed in detail.
I. INTRODUCTION
ALLVAC 718Plus is a newly developed Ni-base superalloy designed to maintain the processing characteristics of Inconel alloy 718 with a 328 K (55°C) improvement in elevated temperature capability over alloy 718. Alloy 718 use temperature peaks at about 923 K (650°C) due to the fact that it derives its strength from precipitation of c¢¢ rather than the more thermally stable c¢. A complete background on the development history and metallurgy of Allvac 718Plus can be found in Reference 1.
In this study, we have focused on the creep deformation characteristics and deformation structures produced during creep over the temperature range of 923 K to 996 K (650°C to 732°C) and applied initial stress levels of 517 to 655 MPa. There are numerous publications within the open literature concerning the creep behavior of both polycrystalline disk alloys, as well as single crystal blade alloys. These two types of materials operate within significantly different temperature regimes and in the present study, we are interested in the types of deformation features found in the lower temperature disk-type alloys. Many of the published superalloy creep studies have attempted to analyze the creep behavior in terms of the classical phenomenological approach developed for pure metals and Class M solid solutions. This approach defines deformation at elevated temperature in terms of the following form. 
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where _ e is the steady-state or minimum strain rate, A is a constant dependent on structure, D is the appropriate diffusion coefficient and in terms of creep defines the activation energy for the creep process, G is the shear modulus, b is the Burger's vector, k is Boltzmann's constant, T is the absolute temperature, d is the grain size, p is the inverse grain size exponent, and n is the stress exponent. For systems deforming by dislocation creep Eq. [1] is generally simplified to the form. _ e ¼ Aðr=EÞ n expðÀQ=RTÞ ½ 2 where Q is the activation energy for the rate-controlling creep deformation mechanism and all other terms are as defined above. According to the classical theories of creep, there are three well-established mechanisms which can be defined in terms of their temperature dependence, stress dependence, and grain size dependence. [2] [3] [4] For example, creep controlled by the sequential glide and climb of dislocations (as initially proposed by Weertman [5, 6] ) has an activation energy close to that for lattice self-diffusion, a stress exponent ranging from about 4 to 6 and is independent of grain size. Creep controlled by diffusion of atoms through the grains (as initially proposed by Nabarro and Herring [7, 8] ) has an activation energy also equal to that for lattice self-diffusion, a stress exponent of 1 and a 1/d 2 grain size dependence. Finally, creep controlled by the diffusion of atoms along grain boundaries (as initially suggested by Coble [9] ) has an activation energy equal to that for grain boundary diffusion (as a general rule grain boundary diffusion has an activation energy roughly equal to about 0.6 of the value for lattice selfdiffusion [10] ). The stress exponent for Coble creep is 1 and this creep mechanism has a 1/d 3 grain size dependence. Each of the creep mechanisms briefly described above has been put into a pictorial display and the various domains where a particular mechanism dominates are described in terms of normalized stress and temperature. [11] It is well established that the above empirical approach to the analysis of high temperature creep is quite successful for pure metals and Class M solid solutions, however, this approach fails to adequately describe the creep deformation of particle strengthened materials such as the c¢ strengthened Ni-base superalloys. One of the major reasons for the failure of Eqs. [1] or [2] in the description of dislocation creep of c¢ strengthened Ni-base alloys is that dislocation creep of pure metals and Class M solid solution alloys results in the formation of sub-grains within the deformation structure, whereas the deformation structures of the c¢ alloys are far more complex and involve numerous mechanisms by which the dislocations interact with the strengthening c¢ particles. Typically the analysis of the minimum strain rate of c¢ strengthened Ni-base superalloys results in stress exponents and activation energies which far exceed the values predicted by the classical creep theories described above. Another fundamental problem with the analysis of superalloy creep using the classical phenomenological approach is that these alloys do not exhibit steady-state creep, in fact at best under most conditions of temperature and stress c¢ strengthened Ni-base alloys exhibit a very brief transition between a decelerating strain rate in primary and an accelerating strain rate in tertiary which continues to accelerate up to the point of fracture. This description of creep response pertains to most particle strengthened materials when creep testing is carried out under conditions where dislocation motion and their interaction with the strengthening particles controls creep. Allvac 718Plus under the present creep conditions fits this description of creep. It might, therefore, be argued that creep of the present Allvac 718Plus, as well as most if not all c¢ strengthened Nibase alloys be classified in terms of two regions of creep rather than three. This suggestion will be discussed more thoroughly later on.
As pointed out above, the structures encountered following elevated temperature deformation of c¢ strengthened turbine disk alloys are very complex and involve numerous deformation features which vary with stress and temperature. These features vary depending upon how the dislocations interact with the strengthening c¢ particles. According to Viswanathan et al. [12] among the most important microstructural features influencing the creep strength of c¢ strengthened superalloys are the c¢ volume fraction, particle size, particle distribution, chemical composition, and the grain size of both strengthening particles and matrix. In high volume fraction turbine disk alloys, the c¢ will take on various sizes and particle distributions depending upon whether the alloy is heat treated above (supersolvus) or below (subsolvus) the c¢ solvus temperature. Another important heat treating variable influencing c¢ size is the cooling rate from the solution temperature. [12] At very high temperatures [1323 K (1050°C)], dislocations have been found to surmount the c¢ particles by a climb bypass process such as in the single crystal superalloy CMSX-2. [13] However, at intermediate temperatures [923 K to 1073 K (650°C to 800°C)], the deformation structures become much more complex. For example, in the disk alloy Rene 88 DT crept to small strain (0.2 to 0.5 pct creep strain) at 923 K (650°C) Viswanathan et al. [12] found significant differences in deformation structure depending upon whether coarse or fine bimodal c¢ was present in the microstructure. In the case of the Rene 88 DT alloy, the c¢ size was varied by cooling rate from a supersolvus solution treatment. The finer structure exhibited significantly lower creep rates. Deformation at lower stress levels was shown to take place by the continuous passage of Shockley partial dislocations on successive {111} planes leading to the formation of microtwins. At higher applied stress levels shearing by ½ [110] dislocations, and Orowan looping around the secondary c¢ particles becomes the dominant deformation mode. [12] Another fairly recent study conducted by Sinharoy et al. [14] on two high volume fraction c¢ superalloys, Rene 95 and KM4 revealed a strong dependence of deformation mode on c¢ size and distribution. In this study, compression tests were carried out at 923 K (650°C) resulting in strain rates of 10 À3 /seconds (fast tests) and 10 À5 /seconds (slow tests). In both alloys deformation took place by a combination of a/2 h110i antiphase boundary (APB) connected dislocation pairs along with a/3 h112i partials which create superlattice intrinsic stacking faults (SISF's). The fault density is found to increase with decreasing c¢ size and decreasing strain rate. For the finest c¢ structures, faults traverse entire grains passing through both c¢ and matrix. At coarser c¢ sizes, faults are confined to within the particles. These deformation structures are similar to those found by Viswanathan et al. in crept Rene 88 DT. [12] However, the process of microtwinning is not considered in the work of Sinharoy et al. [14] In the present study, we are concerned with the deformation behavior at intermediate temperatures under creep conditions of an alloy having much lower volume fraction of c¢ than Rene 88 DT, Rene 95 or KM4. However, we show that many of the same deformation features are present in Allvac 718Plus following creep deformation. In addition to the interaction of dislocations with the c¢ phase, other important matrix deformation features not observed in the high volume fraction superalloys are found in Allvac 718Plus and may be important contributors to the creep deformation of this alloy. These features, as well as the mechanisms of c¢ shearing in Allvac 718Plus are presented and discussed.
II. EXPERIMENTAL DETAILS

A. Material and Sample Fabrication
The Allvac 718Plus material used in this study was provided by Carlton Forge (Paramount, CA). A piece measuring 127 mm in length by 38 mm wall thickness was provided from a larger ring rolled product. The processing parameters are proprietary to GE Aircraft Engines Co. The heat treatment given to the material is a commercial heat treatment developed by GE Aircraft Engines for this alloy. This heat treatment consisted of solution treating at 1241 K (968°C) 2 hours followed by an oil quench. Following solution treatment a two step aging process consisting of 1061 K (788°C) 8 hours/air cool to room temperature then 977 K (704°C) 8 hours/air cool to room temperature was given. The material was received in the fully heat-treated condition. Samples for creep testing were taken from the material in the axial direction. Threaded end creep samples were fabricated by low stress plunge grinding. Shoulders were fabricated with shallow grooves for placement of the high temperature creep extensometer. The gage section of the creep samples measured 5.08 mm in diameter by 30.48 mm long.
B. Creep Testing
All creep tests were performed in Satec Systems M3 constant load creep frames having a 16:1 lever arm ratio.
The tests were performed in air at temperatures ranging from 923 K to 1005 K (650°C to 732°C) at initial applied stress levels ranging from 517 to 655 MPa. Creep samples were brought to temperature and maintained at temperature in Satec Systems three zone resistance heating furnaces. All creep temperatures were monitored throughout by placement of two K-type thermocouples directly on the gage section. A 30 minutes soak period at temperature was employed prior to the start of each creep test to ensure temperature uniformity throughout the gage section of each sample. Creep strain was measured by means of an averaging extensometer system employing mechanical dial indicators having a strain resolution of 10 À5 . Each creep sample was run at a single temperature and stress. When the desired creep strain was reached, each sample was cooled quickly down to room temperature under load to stabilize the deformation structures for subsequent analysis in TEM. All tests were discontinued at small creep strains ranging from 0.1 to 2.6 pct strain.
C. Optical Metallography
Optical metallographic samples were prepared from the as-received fully heat-treated material to determine the grain size and to characterize the general optical microstructure of the starting material. Samples were polished and etched to reveal the microstructure using standard metallographic procedures established for these alloys. The microstructure was revealed by etching with Modified Kalling's reagent consisting of 100 mL ethyl alcohol, 100 mL HCL, and 5 g cupric acid.
D. TEM TEM samples were extracted from the gage section of selected creep samples at 45 deg to the applied stress direction in order to facilitate TEM characterization of deformation features on slip systems that experienced maximum shear stress. TEM samples were mechanically thinned to a thickness of 100 lm then slurry drilled to produce 3 mm disks. Final thinning to electron transparency was performed using a Struers Tenupol 5 twin jet electropolisher using an electrolyte consisting of 60 pct methonal, 35 pct 2-n-butoxyethanol, and 5 pct perchloric acid at 233 K (À40°C) and 15 V. TEM characterization was carried out using a LaB 6 FEI Tecnai TEM operating at 200 keV.
III. RESULTS
A. Optical Microstructure
A low-magnification optical image of the Allvac 718Plus microstructure is presented in Figure 1 . [1] Thus, the optical microstructure reveals that the processing and heat treatment of the present material were carried out below the d solvus temperature. The role of the grain boundary d with regard to the creep deformation structures will be discussed in a later section.
B. Creep Deformation
A complete listing of all creep tests performed in this study is presented in Table I . Included in this data are the temperatures, stress levels, minimum strain rates, times to 0.2, 0.5, and 1.0 pct creep strain and the time/ strain reached at test termination. It was intended to discontinue all tests at strain levels which would provide adequate deformation structures for subsequent TEM analysis. From Table I , it can be seen that the creep response of the present material is normal in that the strain rate increases with stress at a given temperature and with temperature at a given stress. It is also found that the time to various creep strains decreases with increasing stress and temperature. We have also made a comparison of the creep response of the Allvac 718Plus alloy with that of the Ni-base superalloy Waspaloy at 977 K (704°C) and 620 MPa. One of the alloy development goals set for Allvac 718Plus is that this alloy will be competitive with Waspaloy at the indicated temperature and stress. Under the present experimental con-ditions, Waspaloy appears more creep resistant than Allvac 718Plus, however, this is based upon only one test and much more work would be needed to reach any firm conclusions.
The strong temperature dependence of creep exhibited by Allvac 718Plus is a common feature among the c¢ strengthened superalloys. For example, note the temperature dependence of the time to 1.0 pct creep strain as shown in the set of creep curves displayed in Figure 2 . Another feature which can be seen in Figure 2 is that this alloy under the present experimental conditions appears to exhibit only two regions of creep rather than three. This is because the minimum strain rate is basically a point of inflection between a normal primary region (strain rate deceleration with strain/time) and the region typically referred to as tertiary (strain rate accelerating with strain/time). All creep curves encountered in this work have similar shapes as those shown in Figure 2 . Therefore, it is clear that any analysis of the creep behavior of alloys such as the present cannot rely on parameters such as the stress and temperature dependence of a steady-state or minimum strain rate. Finally, it can also be seen that the creep life of this material is dominated by tertiary creep where the strain rate accelerates with strain. Again, this is a common feature among the Ni-base superalloys and is also common among particle strengthened materials in general. The creep characteristics of this alloy such as shown in Figure 2 will be discussed in greater detail later.
C. Deformation Structures
Three creep samples have been selected for characterization of the deformation structures. The samples selected are those represented in Figure 2 . The temperatures are 964 K, 977 K, and 1005 K (691°C, 704°C, and 732°C) all tested at an initial stress level of 620 MPa. The samples tested at 977 K and 1005 K (704°C and 732°C) were stopped at just over 1.0 pct creep strain, while the sample tested at 964 K (691°C) was stopped at just under 2.1 pct strain. Therefore, each of these samples represents relatively small creep strain compared to the overall creep life of the material under these test conditions. Each temperature is presented separately. Figure 3 shows a pair of bright-field TEM images of the deformation structure of the sample crept at 964 K (691°C). Figure 3(a) shows that the deformation in this sample is highly planar with evidence of microtwinning as indicated by the thin planar features which appear to traverse the entire grain. It is also evident from Figure 3(a) that these thin planar features are aligned along multiple slip systems. Slip trace analysis has confirmed that the operative slip planes are the close-packed {111} planes as expected for the FCC matrix. In addition to the deformation features within the grains, Figure 3 (a) also shows d phase particles inclined at an angle from the grain boundary. It is possible that the deformation within the grains may have initiated from the boundary region either from the grain boundary itself or from the d phase particles residing there. Figure 3(b) shows the deformation structure inclined with respect to the electron beam. It is evident from this image that the c¢ phase has been sheared by the dislocations as indicated by the stacking faults which are created as the dislocations shear the c¢. It is also noteworthy that these faults appear continuous, that is they traverse both the matrix and the c¢. In addition to the continuous faulted structures observed, loosely coupled, paired a/2 h110i dislocations within the matrix are also involved in the deformation process, however, to a lesser degree.
964 K (691°C)
977 K (704°C)
At 977 K (704°C) deformation is again highly planar with stacking fault features traversing through the entire grain as depicted in Figure 4 (a). These continuous features can be produced by the simultaneous shearing of the c matrix along with shearing of the c¢ precipitates. Thus, the features exhibited by the sample crept at 977 K (704°C) are similar in nature to those exhibited by the 964 K (691°C) sample. In order to determine the exact nature of the dislocation types creating these faulted structures more detailed TEM analyses are needed. For example, it has yet to be determined whether the stacking faults produced by the shearing of the c matrix and c¢ phase of the present Allvac 718Plus are extrinsic-or intrinsic-type faults. Figure 4(b) shows that the matrix a/2 h110i type dislocations have locally dissociated into a/6 h112i type Shockley partials separated by a matrix intrinsic stacking fault.
1005 K (732°C)
Continuous shearing of both matrix and c¢ is observed here as well. A representative bright-field TEM image of the structure is presented in Figure 5 (a) with the deformation structure imaged edge on along with the corresponding selected area electron diffraction pattern (SAED) acquired about the [110] zone axis shown in Figure 5 (b). Figure 5(b) shows the fundamental reflections associated with the FCC c matrix along with superlattice reflections associated with the c¢ precipitates. In addition, there are also extra twin reflections present which provide direct evidence that these highly planar thin faulted type features are indeed microtwins as have been observed in higher volume fraction c¢ Nibase superalloys. [12] From the TEM analyses presented here, although still preliminary, it is quite evident that the creep deformation structures revealed are very similar to those which have been observed in the higher volume fraction c¢ alloys such as Rene 88 DT [12] and others. In the discussion of the deformation structures, it will become clear that this alloy does indeed exhibit the same deformation characteristics as the high volume fraction c¢ Ni-base superalloys.
IV. DISCUSSION
A. Creep Characteristics
As pointed out briefly in the introduction, the classical description of dislocation creep as given by Eq. [2] does not adequately describe the creep characteristics of c¢ strengthened superalloys. This initially prompted Wilshire and co-workers [15] to suggest a modification to Eq. [2] which takes the form
where r 0 represents a back stress or as more commonly defined threshold stress. Incorporation of this term into the analysis of the creep behavior of particle strengthened materials results in temperature and stress dependencies typical of those reported for pure metals and Class M solid solutions. Although Wilshire and coworkers [15] initially proposed the concept of a threshold stress, they have since argued against this concept for about the last three decades (see [16] and references therein). The basic arguments put forth by Wilshire [16] are that particle strengthened engineering alloys such as the c¢ strengthened Ni-base superalloys do not exhibit steady-state creep. Our creep curves are in agreement with this postulate. Further, the minimum strain rate does not represent a deformation regime in itself, rather it is a transition region between primary and tertiary creep with a microstructure that is continuously evolving throughout the entire creep process.
Another significant point to be made is that TEM analysis of the deformation structures of these Ni-base superalloys does not support a threshold stress concept. The types of dislocation interaction that are observed in materials containing non-coherent dispersoid particles following high temperature creep are not observed in the alloys strengthened solely by c¢. The dislocations which interact with non-coherent, non-deforming dispersoids become attracted to the departure side of these particles thus producing true threshold creep behavior. [17] As mentioned above, the creep life of c¢ strengthened Ni-base alloys is dominated by tertiary creep. This is certainly the case for the Allvac 718Plus material tested under the present conditions. Initially, it was thought that coarsening of the strengthening c¢ particles over the course of a creep test was the process leading to the extended duration of tertiary creep observed in these alloys. Dyson and McLean [18] tested this hypothesis and found that particle coarsening could not account for the long duration of tertiary creep observed in these alloys. The central idea to the particle coarsening theory is that the presence of the strengthening c¢ particles gives rise to a friction stress (r 0 ) as expressed in Eq. [3] and that the time-dependent coarsening of the c¢ leads to a gradual reduction in r 0 which then leads to the acceleration of strain rate in tertiary creep. [18] One might intuitively think that this gives a rational explanation for the long period of tertiary creep observed in the c¢ strengthened superalloys, as well as in particle strengthened engineering materials in general. However, Dyson and McLean [18] found that analysis of creep data from several Ni-base superalloys strengthened by the c¢ phase did not support the particle coarsening concept. Instead, these authors came to the conclusion that the long duration of tertiary creep observed in these alloys is the result of two strain softening mechanisms acting together. Dyson and McLean [18] suggest that the c¢ strengthened superalloys have an intrinsically unstable dislocation substructure and that dislocations continue to accumulate throughout the creep process. Unlike pure metals where the balance between strain hardening and recovery leads to the so-called steady-state superalloys do not exhibit this behavior. Rather, the dislocations continue to multiply and increase in density and velocity which by itself, leads to an isotropic acceleration of strain rate. The second strain softening mechanism is associated with grain boundary cavitation which initiates at some critical point along the creep curve and eventually leads to fracture. [18] Later on, Dyson and Gibbons [19] extended this analysis to a wider range of alloys including numerous Ni-base superalloys with varying volume fractions of c¢. Dyson and Gibbons [19] found that the acceleration of strain rate in tertiary creep did not correlate with c¢ volume fraction. Although it is well recognized that the c¢ phase is thermally unstable and will coarsen throughout the time of a creep test, particularly a long duration test which may last thousands of hours, the creep curve shape for these alloys seems to be a strong function of strain rather than time/temperature which lead to the conclusion that the acceleration of strain rate in tertiary creep is compatible with a dislocation sub structure that is unstable to deformation. [18] In the later work of Dyson and Gibbons [19] they found that the creep ductility has the greatest influence on the rate at which the strain rate accelerates in tertiary creep. Higher rates of strain rate acceleration are found in materials with low creep ductility (low e f ). [19] Dyson and Gibbons [19] suggest that tertiary creep of the c¢ strengthened Ni-base superalloys can best be described using a two-state variable approach where the ''damage'' state variables are defined in terms of the intrinsic instability of the dislocation sub structure (isotropic acceleration of strain rate) and a second state variable defined in terms of grain boundary cavitation which eventually leads to fracture. Both damage state variables result in an acceleration of strain rate in tertiary creep but only grain boundary cavitation damage leads to fracture. [19] Unfortunately, the focus of this work was on small strain creep in order to study the deformation structures such that all creep tests were discontinued long before fracture. In order to make the kinds of measurements and analysis of tertiary creep discussed above, an important parameter is the strain at fracture (e f ). Although we have not concentrated the present analysis on tertiary creep, we can show that the creep behavior of the present Allvac 718Plus alloy is compatible with the discussion presented above. Each of the samples selected for TEM analysis (to be discussed in detail in the following section) was stopped well within tertiary creep, however, we find no evidence of any grain boundary cavitation damage at this stage of creep. This then leads to the suggestion that at the early stage of tertiary creep the only ''damage'' leading to the acceleration of strain rate must be the dislocation substructure developing during creep. From the above description of the creep characteristics of this alloy, it might be suggested that the classical three stage representation of creep (as applies to pure metals and simple solid solution alloys) be replaced by a two stage representation for the Ni-base superalloys strengthened by the c¢ phase. This two stage representation simply defines creep in these alloys as having a normal primary creep region followed by an extended region where the strain rate accelerates continuously up to the point of fracture. The so-called minimum strain rate is just a point of inflection between these two stages of creep, and therefore, has no real physical meaning.
B. Deformation Structures
Microtwinning (Dislocation Shearing)
The creep deformation substructures and dislocation mechanisms for Ni-base superalloys have been characterized and documented in the literature for over three decades. Kolbe [20] was the first to suggest that microtwinning which he observed in Nimonic PE16 (a low volume fraction c¢ Ni-base superalloy) takes place by the motion of coupled a/6 h112i partial dislocations shearing the c¢. Because the passage of the second dislocation of this type does not restore the L1 2 ordered structure, order must be restored by short range diffusion of Ni and Al atoms in the wake of the trailing a/6 h112i partial leading to the strong temperature dependence of creep rate observed in this alloy. Although this hypothesis turns out to be correct, Kolbe [20] had no solid evidence of this at the time. Recently, Kovarik et al. [21] have presented an extensive overview of microtwinning and other fault-related shearing mechanisms that occur in Ni-base superalloys at intermediate temperatures [873 K to 1073 K (600°C to 800°C)]. At lower temperatures [873 K (600°C) and below] and higher stresses, deformation typically takes place by anti-phase boundary (APB) shearing-type mechanisms involving perfect a/2 h110i dislocations. When coupled together by an APB in the c¢, these dislocations can shear the c¢ phase without creating a stacking fault in their wake. [21] At higher temperatures [1073 K (800°C) and above], diffusionmediated climb bypass of the c¢ by individual unpaired matrix a/2 h110i dislocations becomes the dominant creep mechanism. [21] Within the intermediate temperature regime, a multitude of complex matrix and c¢ shearing-type mechanisms become operative. [21] The specific shearing mode is found to be dependent on c¢ particle size, distribution, temperature of deformation, stress level, level of creep strain accumulated, and stacking fault energy of matrix and precipitate particles. Unocic et al. [22] have shown that in the Ni-base superalloy Rene 104, the shearing mode at a given temperature and stress changes as the level of creep strain increases. The TEM images presented in Figures 3 through 5 provide direct evidence of microtwinning in this alloy. Therefore, we will concentrate our discussion on this particular shearing mechanism. For a comprehensive review of other fault-related shearing mechanisms see Reference 21. The process of microtwinning has recently been studied using advanced TEM and high-resolution transmission electron microscopy (HRTEM) coupled with ab initio calculations and phase field crystal plasticity modeling. [21, 23] It is now established conclusively that the formation of microtwins involves the motion of paired a/6 h112i Shockley partial dislocations. These dislocations traverse both matrix and precipitate as shown in the TEM images of Figures 3 through 5. It has also been shown [12, [21] [22] [23] that these dislocations travel in pairs through the c¢ phase on successive {111} planes. Passage of a single a/6 h112i partial on consecutive {111} planes through the c¢ leads to the formation of a higher energy complex stacking fault (CSF) where a large number of unfavorable Al-Al nearest neighbor bonds would be created. [21] However, TEM and HRTEM images have shown that CSF's are not present but rather lower energy superlattice intrinsic or extrinsic stacking faults (SISF, SESF) are formed in the wake of the trailing a/6 h112i Shockley partial dislocations.
Unocic et al. [22] and Viswanathan et al. [12] have shown that fine structures with small spacing between the c¢ precipitates tend to favor microtwinning over isolated faulting type deformation modes. Thus, with coarsening of the precipitates from heat treatment or by extended time at creep temperature, a transition from microtwinning to isolated faulting type shearing can be expected. With the large number of creep experiments performed (various stresses and temperatures) other types of c¢ shearing such as the isolated faulting type shearing mode can most likely be expected. In this section, we have established that microtwinning occurs via the motion of a/6 h112i Shockley partial dislocations through matrix and precipitate. These dislocations are paired and move along consecutive {111} planes within the c¢ and that lower energy SISF or SESF are formed in the wake of the trailing partials. We have also established that microstructural scale has a significant effect on which specific dislocation shearing mechanism will dominate. Although the specific fault type associated with the microtwinning shearing mode occurring in the present Allvac 718Plus has yet to be identified, we believe that the dislocation types discussed above are indeed relevant to this alloy as well.
2. Microtwinning (Diffusion-Mediated Reording) As discussed above, the passage of a single a/6 h112i Shockley partial dislocation through the c¢ creates a highly energetically unfavorable structure with wrong Al-Al nearest neighbor bonds. This results in an orthorhombic structure within the L1 2 structure which is ordered FCC. [21] It has been established that paired a/ 6 h112i Shockley partials shear the c¢ on successive closepacked {111} planes leaving behind either SISF or SESF in their wake. Phase field crystal plasticity modeling along with ab initio calculations has shown that the fault energy of the SISF/SESF is lower than that of the CSF and these are the planar defects found in the wake of the trailing a/6 h112i Shockley partial dislocations. [21, 23] As mentioned above, Kolbe suggested that the lower energy SISF/SESF is created by a diffusion-mediated reordering process which converts the higher energy CSF into the lower energy SISF/SESF. [20] A schematic of Kolbe's initial reordering process is shown in Figure 3 of Reference 20. Since Kolbe's initial hypothesis, several potential diffusion pathways have been identified. [21, 22] The diffusion-mediated reordering has been modeled as an exchange between vacancies which are moving along the central plane of the faulted structure which consists of a row of anti-site point defects (Al Ni and Ni Al) and the Ni and Al atoms as indicated in the schematic shown in Figure 8 (a) of Reference 21. These anti-site columns are in the close-packed [110] direction and are perpendicular to the a/6 [112] Burger's vector. [21] It is also pointed out that the exchange of Al and Ni atoms in any other closepacked h110i direction would not accomplish reordering as described above as these are not anti-site columns. [21] Using ab initio calculations, the activation energies for vacancy formation and migration have been determined and it is found that the diffusion-mediated reordering can be approximated with the activation energy for selfdiffusion of Ni in Ni 3 Al. [21] However, these calculations are based on diffusion in pure Ni 3 Al, whereas the c¢ phase may contain several other solute atoms which have partitioned to this phase. This is expected to complicate the diffusion process, most likely slowing it down, and therefore, decreasing the creep rate.
There is also direct evidence of solute segregation to the faulted region bounding the a/6 h112i Shockley partials. High Angle Annular Dark Field Scanning Transmission Electron Microscopy (HAADF STEM) imaging of a microtwin region in Rene 104 has revealed direct evidence of solute segregation at the twin/matrix interface. [21] The image intensity increases at the interface in the c¢ suggesting the segregation of heavy elements along the interface. It is easy to envision how the segregation of heavy elements to the twin/matrix interface might interact with the reordering and hence decrease the overall a/6 h112i Shockley partial dislocation mobility. Based upon the discussion above, it is reasonable to suggest that diffusion-mediated reordering within the c¢ phase is rate limiting for the creep strain rate of the present material, at least in samples tested under conditions where microtwinning makes the major contribution to the creep strain. Although we have not found direct evidence of isolated faulting type c¢ shearing, it is important to mention that diffusionmediated reordering within the c¢ is considered the ultimate rate-limiting process for this shearing mode as well. [21] 3. Other deformation structures and delta phase in Allvac 718Plus
Unlike alloys Rene 88DT and Rene 104, Allvac 718Plus contains a higher level of Nb and Fe. These elements together promote the formation of d phase which is clearly present in this alloy (see Figure 1) . Figure 6 presents a bright-field TEM image of the sample tested at 923 K (650°C) and 620 MPa. This image focuses on matrix dislocation activity occurring along with the shearing-type deformation modes discussed thus far.
Matrix a/2 [110] type dislocations are abundant within the FCC c matrix and appear to exhibit cross slip as evidenced by the jagged appearance of these dislocations. Cross slip is not typically observed in the higher volume fraction c¢ alloys, most likely due to the much finer c channel width in these alloys. More work will be needed in order to adequately address any additional deformation mechanisms which may be operating in Allvac 718Plus as a possible result of the d phase present in this alloy. We have also observed the presence of a small volume fraction of c¢¢ phase. This phase although present accounts for 5 pct or less and would appear not to make a significant contribution to the strengthening of this alloy. Indexed SAD patterns (not shown here) have provided evidence of a small volume fraction of the c¢¢ phase in this material and this has been reported for this alloy elsewhere as well. [1] Again, more through work is needed in order to address the possible role of the c¢¢ phase on the intermediate temperature creep behavior of this alloy. The grain boundary d phase present in this alloy may also contribute to the deformation under creep conditions. Refer back to Figure 3(a) where d phase lying at an angle along the grain boundary can be seen. Matrix dislocation activity appears to be intensified along this grain boundary. In fact it is quite possible that either the grain boundary itself or the grain boundary d may be the source leading to the activation of the microtwinning, as well as matrix dislocation slip seen in this grain. Sundararaman et al. [24] have studied the precipitation of d phase in Inconel alloy 718 and Inconel alloy 625. In Inconel alloy 718 and in 625, d phase first appears at the grain boundaries as observed in this alloy. The grain boundary d observed in this alloy appears very similar to the grain boundary d observed in alloy 718 after aging at 1023 K (750°C) for 20 hour (Figure 3(a) of Reference 24). However, unlike alloy 718, there is no evidence of d within the grain interior of this alloy, most likely due to the absence of the c¢¢ phase within the grains which is known to nucleate d through a complex shearing process which leaves the faulted structure within the c¢¢ where the d nucleates and subsequently grows. [24] The equilibrium d phase has the ordered orthorhombic (DO a ) structure. [24] According to Sundararaman et al. [24] in regions where the d precipitates do not find a suitable habit plane variant parallel to the grain boundary, growth of the d is often found to be associated with grain boundary migration leading to the jagged grain boundary structures shown in their Figures 3(a) and 5. These TEM images match closely with the grain boundary d shown in our Figure 3(a) .
The equilibrium d phase has the ordered orthorhombic (DO a ) structure and when this phase precipitates within the FCC c Ni matrix, a high level of misfit is expected. In order to accommodate this high level of misfit, a large number of dislocations are generated near the d-matrix interface. [24] In alloy 718 these dislocations are also found to interact heavily with the c¢¢ producing stacking faults within the c¢¢. These stacking faults act as the nucleation sites for further d phase within the grain interior. As mentioned above, d phase does not appear within the grains of the present Allvac 718Plus which is most likely due to the absence or at least very small volume fraction of c¢¢ in this alloy. However, the ''misfit'' dislocations which accommodate the precipitation of the grain boundary d will require more detailed TEM in order to establish a more thorough understanding of their participation in the creep deformation of this alloy.
V. CONCLUSIONS
The creep deformation behavior of a newly developed Ni-base superalloy, Allvac 718Plus has been explored at temperatures ranging from 923 K to 1005 K (650°C to 732°C) and stress levels of 517 to 655 MPa. It has been shown that although this alloy exhibits class M-type creep behavior, the creep characteristics do not conform with classical phenomenological approaches to modeling creep as they might for pure metals and simple solid solutions. This alloy, like most complex Ni-base superalloys does not exhibit a ''steady-state'' region of creep. Therefore, Allvac 718Plus creep is better characterized as having two creep regimes, a small primary which gives way to a long period of tertiary creep eventually leading to rupture.
The deformation structures have been studied using TEM imaging. TEM analysis of selected samples has given direct evidence of microtwinning as a dominant deformation mode during creep of this alloy. The ultimate rate-controlling process for creep is most likely the diffusion-mediated reordering within the c¢ phase which is responsible for the strengthening of this alloy. It is also recognized that wide range of temperature and stress level was employed in this study and that other complex c¢ shearing modes such as isolated faulting may also contribute to the creep strain in samples which were not examined. However, it has been demonstrated that diffusion-mediated reordering within the c¢ is also ratecontrolling for these other complex fault-related shearing modes as well. It has also been shown that although the present alloy is considered a low volume fraction c¢ alloy, it exhibits very similar complex fault-related shearingtype deformation modes during long-term creep as the high volume fraction Ni-base superalloys do.
In addition to the complex c¢ fault-related shearing (microtwinning) observed in this alloy; other matrix deformation modes have been identified as well. The precipitation of grain boundary d phase appearing in this alloy has also been considered. At present, it is unclear what role the misfit dislocations may play in the creep deformation process and further TEM studies focusing on this aspect of the structure is needed. In addition further work to understand the exact nature of the partial dislocations involved in the microtwinning process and the nature of the stacking faults will also be required.
